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1. Materials and methods  
1.1. Alloy compositions and processing
Alloys with compositions of Al-0.3 wt.%Sc and Al-2.5 wt.%Cu-X wt.%Sc (X=0, 0.3) were melted and cast in an argon stream by using 99.99 wt. % pure Al, Al-50 wt.% Cu, and Al-2.0 wt. % Sc master alloy. The melt was kept for about 1 hour at 750oC, degassed using C2Cl6 and then cast in a steel mould that was pre-heated to 200 oC. The solidification completed within 20-30 s. Results of composition analysis are presented in Table S1, measured by optical emission spectrometer (OES) and atom probe tomography (APT). The Si and Fe impurities were controlled below 0.02~0.03 wt.%. Specimens of 12mm in size were cut from the ingots and subjected to further heat treatments as follows: (i) Step I (traditional treatment, artificial ageing). This step started with a homogenization at 450oC for 5 h, followed by solid solution treatment at 590 oC for 3 h. The alloy was quenched into cold water immediately, and artificially aged at 250 oC for 8 h. (ii) Step II (regression treatment). Samples after Step I were heated at 450 oC for 20 minutes and quenched into cold water immediately. (iii) Step III (re-aging treatment). This step was performed at 250 oC for 6 h. The Step I (artificial ageing only) is hereafter abbreviated as AA (e.g., Al-Cu-Sc AA), while RR stands for the steps through regression and re-aging (e.g., Al-Cu-Sc RR).

Table S1. Chemical composition of the present Al-Cu-Sc, Al-Cu and Al-Sc alloys.
	Nominal (at.%)
	Measured alloy composition (OES)

	
	Cu (wt.%)
	Sc (wt.%)
	Si (wt.%)
	Cu (at.%)
	Sc (at.%)
	Si (at.%)

	Al-1.08Cu-0.18Sc
	2.461
	0.242
	0.028
	1.060
	0.147
	0.027

	Al-0.18Sc
	-
	0.260
	0.020
	-
	0.156
	0.019

	Al-1.08Cu
	2.526
	-
	0.025
	1.090
	-
	0.024

	
	Measured alloy composition (APT)

	
	Cu(wt.%)
	Sc (wt.%)
	Si(wt.%)*
	Cu(at.%) 
	Sc(at.%)
	Si(at.%)*

	Al-1.08Cu-0.18Sc
	2.372**
	0.220
	0.022
	1.021**
	0.134
	0.021

	Al-0.18Sc
	0.071
	0.207
	0.018
	0.030
	0.123
	0.017



*: Atomic concentration of 28Si2+ ions in APT.
**: Cu concentration was measured in samples after solid solution or regression (Step II).

1.2. Microstructural characterization
 Microstructures of the alloys were characterized using transmission electron microscopy (TEM) and high-resolution TEM (HRTEM) in a JEOL Ltd. JEM-F200 microscope operated at 200 kV. TEM foils were prepared following standard electropolishing procedures for Al alloys. Quantitative statistics of the average size L and number density  of the second phase particles (Al3Sc particles and θ′-Al2Cu precipitates) were obtained from more than 500 measurements on average. The foil thickness was obtained through convergent beam electron diffraction patterns. Using the raw radius data of particles and the foil thickness in each area, the precipitate size distributions were calculated after correction for the truncation effects. More details can be found in our previous publications[1-4]. Atom probe tomography (APT) was performed on a Cameca LEAP 4000 HR to detect the microstructural features at atomic length scale. 3D-APT sample blanks were prepared in size of ~0.3×0.3×10 mm3 by a combination of slicing and mechanical grinding. A two-step electropolishing procedure was used for making sharp tips from these blanks. A 10 vol.% perchloric acid in methanol solution was used for coarse polishing, and the final polishing used a solution of 2 vol.% perchloric acid in butoxyethanol. APT data collection using the electrical pulsing mode was performed at a specimen temperature of 30 ± 0.3 K, with a voltage pulse fraction (pulse voltage/steady-state DC voltage) of 20%, a pulse repetition rate of 200 kHz and a background gauge pressure of <6.7×10-8 Pa (5×10-10 torr). 
1.3. Mechanical property testing 
Creep test samples with 25 mm gauge length and 5 mm section were tested under a constant uniaxial tensile load at 300 ± 1oC. Creep samples were quenched into room-temperature water immediately after creep test to avoid microstructure change during furnace cooling before APT and TEM analysis. Conventional tensile test at 300oC was performed using the same sample size as in tensile creep experiments under the strain rate  of 1×10-3 s-1. All the mechanical tests were repeated at least three times to ensure the measurement reliability.

2. Reduction in interfacial free energy caused by interfacial Sc segregation
[bookmark: _Hlk518674997]In multicomponent alloys, a thermodynamic model suggested by Prof. Seidman’s group [5-9] can be used based on our APT results of Sc segregation. Quantitively, the interfacial segregation of solute i leads to a Gibbs interfacial excess of  relative to other elements at heterophase interfaces [5-7, 10]. The relative Gibbsian interfacial excess is determined to provide a quantitative thermodynamic evaluation for Sc segregation at α-Al/θ′ in the ternary Al–Cu–Sc alloys [11]:

where  is the Gibbsian interfacial excess of Sc relative to Cu and Al; ,  and  are the Gibbsian interfacial excess of Sc, Al and Cu, respectively; and and are the concentrations of an element (i = Al, Cu or Sc) in the α-Al matrix and θ'-Al2Cu precipitates. 
The values of  are determined using proxigram concentration profiles from representative proxigram as shown in Figure 3(b)-(c) with the individual  in shaded areas.

where  is the atomic density,  is the distance between the  concentration data points in the proxigram,  is the concentration of an element  at each data point and  on the -Al matrix side and on the precipitate side of the heterophase interface. 
Based on the Gibbs adsorption theorem [5-7, 10], the coefficient of reduction of interfacial energy  due to segregation of component  with concentration  at the interface is given by [5-7]

where Henry’s law for dilute solution is assumed,  the chemical potential of component  ,  is Boltzmann’s constant and  is the absolute temperature. As to the interfacial Sc segregation in the present Al–Cu–Sc alloys, the reduction in  induced by the interfacial Sc solute excess can be calculated by the following expression [1, 12]

where  and  are the Sc concentration in the α-Al matrix and the peak concentration of Sc at the α-Al/θ' interface, respectively.
[bookmark: OLE_LINK3][bookmark: OLE_LINK4][bookmark: OLE_LINK14]Since the interfacial Sc segregation is further enhanced in the Al-Cu-Sc RR alloy, the Gibbsian interfacial excess of Sc relative to Cu and Al, , increase up to ~3 times greater than its AA counterpart, as evaluated from Eqs. (S1) - (S2). Thus, a greater reduction in interfacial free energy  is caused by further Sc segregation, which can be quantitatively derived from Eqs. (S3) - (S4). The reduction in interfacial free energy () is quantitatively evaluated to be ~ –41.2±5.4 and ~ –110.4±10.8 mJ m-2 for the Al–Cu–Sc AA and RR alloys, respectively. Note that the quantified here is that for the coherent interfaces (CIs) , because the semi-coherent interfaces (SCIs) at the periphery of θ'-Al2Cu plate is hard to capture using APT. The CI has an interfacial energy of 170 mJ m-2[13], which implies a ~64.9% reduction in the interfacial energy caused by the interfacial Sc segregation in the Al-Cu-Sc RR alloy. 

3. Si segregation
[bookmark: _Hlk517967630][bookmark: OLE_LINK8][bookmark: OLE_LINK9][bookmark: _GoBack]Besides the Sc segregation, we found some Si segregation (albeit in a very low concentration) at the α-Al/ interfaces, see Figure 3(b)-(c). The peak Si concentration at the α-Al/ interface is 0.22 ± 0.09 at.% in the present Al-Cu-Sc AA alloy, which is consistent with the 0.16 ± 0.04 at.% Si segregation at the α-Al/ interfaces as reported in [9] with a similar overall Si content (about 0.02 to 0.03 at.%) in the alloy. The Si segregation profile is delocalized, even decaying gradually into the precipitate core, similar to that in [8]. In the present Al-Cu-Sc RR alloy, the interfacial Si concentration is slightly increased (0.25 ± 0.07 at.%) when compared with the Al-Cu-Sc AA alloy, which is in accord with the increase in interfacial Sc concentration.  
The Si segregation is likely to affect the θ'-Al2Cu precipitation by reducing the interfacial energy , similar to but much less than the interfacial Sc segregation. Biwas et al. [9] have quantified the Si segregation with a concentration of ~0.16 at.% at the α-Al/ interface, which slightly reduced interfacial free energy: =-7.0 mJ m-2. Similarly, a limited effect associated with Si segregation was reported in [8]: a Si concentration of ~1.60 at.% caused almost no change in the coherent interfacial energy of θ'-Al2Cu. Therefore, in the present Al-Cu-Sc AA and RR alloys, the effect of Si segregation is minor, compared with the much more significant interfacial Sc segregation effect. 

4. Precipitate stability
[bookmark: _Hlk496530194][bookmark: _Hlk496524251][bookmark: _Hlk520640367]During the creep test, the average size of θ′-Al2Cu precipitates is almost unchanged, remaining at about 250 nm after creep test at 300oC/30MPa for ~220h, see Figure 5(a). Also, no appreciable change in thickness of the θ'-Al2Cu was detected after creep test at 300oC/30MPa for ~350 h, based on the HRTEM measurements (7.2 ± 1.2 nm before creep and 6.8 ± 1.5 nm after crept for ~350 h, correspondingly) on at least 30 precipitates.

Table S2. Statistical data measured for Sc-enriched heterogeneities, coherent Al3Sc particles and θ′-Al2Cu precipitates in the Al-Sc AA, Al-Cu AA, Al-Cu-Sc AA alloys, and Al-Cu-Sc RR alloys before and after creep test.
	Alloys
	θ′-Al2Cu precipitate
	Al3Sc precipitate
	Sc-enriched heterogeneities *

	
	
(nm)
	Number density 
(1018 m-3)
	
(nm)
	Number density 
(1020 m-3)
	Number density 
 (1023 m-3)

	Al-Sc AA
	-
	-
	4.4±0.2
	75.2±1.5
	-

	Al-Cu AA
	539±22
	1.3±0.2
	-
	-
	-

	Al-Cu-Sc AA
	330±12
	3.3±0.5
	-
	-
	3.83±0.87

	Al-Cu-Sc RR Step II
	-
	-
	3.4±0.8
	138.7±7.7
	-

	Al-Cu-Sc RR Step III
	248±12
	7.5±0.1
	3.4±0.3
	104.1±5.3
	-

	Al-Cu-Sc RR crept for 220h
	237±8
	7.6±0.6
	3.5±0.8
	101.5±5.6
	-

	Al-Cu-Sc RR crept for 350h
	182±10
	14.1±1.0
	3.7±0.6
	116.0±16.1
	-



*: Only the Sc-enriched heterogeneities containing more than 10 solute atoms were counted.

Meanwhile, the heterogeneous formation of precipitates during re-aging (Figure 2(l) and Figure S1) gives a much narrower precipitate size distribution when compared with the AA condition, see Figure 1(b), which is also attributed to high coarsening resistance of the θ′-Al2Cu precipitates. One reason is that in the AA treatment, the precipitation is much more stochastic: the precipitates nucleate across a wide time span and those nucleated earlier tend to grow to larger sizes. In re-ageing after regression, in contrast, precipitation is aided by the existing sites, see Figure S1, becoming less time-dependent. This helps towards our goal ii), a precipitate size distribution narrower than in the AA treatment (see comparison in Figure 1(b)), thus reducing Ostwald ripening [14-16], the main mechanism underlying the coarsening. This is because the thermodynamic driving force for coarsening is the difference in chemical potential, which scales with 1/L. If the size disparity is large during service (and creep test), that would drive the small precipitates to dissolve and large ones to grow [17-20], accelerating the reduction of precipitate population.
[image: ]
Figure S1. 3D-APT maps showing the θ′-Al2Cu precipitates nucleated on the Al3Sc particles or Sc-enriched heterogeneities. The distribution of (a) Al, (b) Sc, (c) Cu are shown using green, blue and orange spots, respectively. The θ′-Al2Cu plate is highlighted using the 10 at. % Cu iso-concentration surface in (c) and (d). Both the Cu iso-concentration surfaces and the Sc mapping are presented in (d) to illustrate the nucleation sites provided by Al3Sc particle (red solid arrow) or Sc-enriched heterogeneities (dash arrows) after re-aging for 15 minutes.

We note that Sc segregates even more, to ~6.05±2.35 at.% from APT, after creep test in the Al-Cu-Sc RR alloys, see Figure 2(p) and Figure S3(a), from ~2.4 at.% before creep. Similarly, Si segregation was also found, but merely increasing from 0.25 at.% to 0.33 at.%, implying a weak impact on the microstructural stabilization, as mentioned earlier. The continued segregation of Sc solutes, which were left untapped into after Step III, continues until the creep fracture occurs, further improving the thermal stability of θ′-Al2Cu during the long period of creep, as reflected by the obviously decreased population of Sc-enriched heterogeneities and the Sc solute content in the matrix ( +) in Table S3. This is to be contrasted with the Al-Cu-Sc AA alloy. There, after creep at 300oC/30 MPa for 35h, Sc only increased to ~3.0 at.% from ~0.8 at.% before creep, just reaching the similar level of its RR counterpart before creep. This explains the fast coarsening of the θ′-Al2Cu from 330 ± 12 nm before creep to 491 ± 48 nm after only 35 hours. 

[image: ](c)
(b)
(a)

Figure S2. (a) A representative TEM image of underaged Al-Cu-Sc RR alloy in Step III, showing wider PDZs (marked using red arrows between dashed purple lines) around coarser θ′-Al2Cu precipitates, in comparison with small precipitates with narrow PDZs, indicating θ′-Al2Cu precipitates collecting nearby Al3Sc particles during coarsening. TEM and APT map to show the multi-scaled microstructure features of (a) θ′-Al2Cu precipitates, (b) remaining Al3Sc particles and (c) Sc-enriched heterogeneities/atoms distributed in the matrix and enclosed by θ′-Al2Cu in the Al-Cu-Sc RR alloy in Step III. 

[bookmark: _Hlk496558001][bookmark: _Hlk496561181][bookmark: _Hlk496557897][bookmark: _Hlk496598444][bookmark: _Hlk496561439]In addition, TEM examinations reveal that the half length of θ′-Al2Cu actually decreased to ~180 nm after creep test for 350h, see Figure 1(b) and Table S2, as a result of splitting in some of the θ′-Al2Cu precipitates (Figure 2(n) and Figure 5(a)). The splitting spots are in close proximity to the Al3Sc phases locally formed on the α-Al/θ′ interfaces during creep test at 300 oC, see sketch in 2(m) and 3D-APT image in Figure 2(o). The evidence that the Sc-rich layer is Al3Sc comes from the proxigram corresponding to the APT image in Figure 2(o), showing the distribution of Cu and Sc atoms cross a α-Al/θ′-Al2Cu interface in the crept RR alloy, see Figure S3(b). It is evident that the Sc-rich layer contains ~25.0 at.% Sc, agreeing well with the composition of Al3Sc quantitatively. The HRTEM image given in Figure S3(c) shows that Al3Sc locally formed on the α-Al/θ′ interfaces during creep test at 300oC, which can be compared with the θ′-Al2Cu with only Sc segregation before creep (Figure S3(d)). This Al3Sc formation uses up Sc and opens up nearby areas where Cu atoms lose Sc protection and dissolve into the surrounding Al matrix, leading to eventual precipitate splitting and reduction in precipitate size. The details of this interesting “splitting” phenomenon will be discussed elsewhere. Overall, the vast majority of θ′-Al2Cu precipitates remained stable. During the creep test the θ′-Al2Cu volume fraction remained at fv=1.97±0.10%, in comparison with fv =2.13±0.19% before creep. 
No obvious difference is detected in the Al3Sc precipitates in the matrix after the RR treatment (3.4±0.8 nm, 3.4±0.3 nm and 3.7±0.6 nm after Step II, Step III and creep test for ~350h, respectively, see Figure 4(c)-(d) and Table S2), and their number density is almost unchanged. The PDZs also remain similar to that before creep test, as seen in the 3D-APT image in Figure 2(p). 

[image: ][image: ](a)
(b)
(d)
(c)

Figure S3. Representative proxigram of Al, Cu Sc and Si across the α-Al/θ′ interface decorated with Sc segregation and Al3Sc layer in the Al-Cu-Sc RR alloys after creep test at 300oC/30MPa for (a) 220h and (b) 350h, respectively. (b) Representative HRTEM images showing the thickness of a θ′-Al2Cu precipitate in the Al-Cu-Sc RR alloy (a) after creep test and (b) before creep, respectively, with corresponding FFT images in the upper right corner. The interfacial Al3Sc layers were marked using red solid arrow in (a), and the θ′-Al2Cu was indicated by hatched arrow, corresponding to the APT image in Fig. 2(o).

5. High-temperature tensile properties
[bookmark: _Hlk527709668]It should be noted that the high-temperature tensile strength is for a short-term load, while the steady-state creep rate  reflects the creep resistance to a long-term load [21-23]. The Al-Cu-Sc RR alloy we developed has a yield strength of 127 ± 12 MPa at 300oC, which is much higher than that of the Al-Cu AA (59 ± 5 MPa) and Al-Sc AA (34 ± 2 MPa) alloys, and close to the commercial alloys (i.e. 7075, 2219 Al) as mentioned in [24]. However, the high-temperature strength of the present Al-Cu-Sc RR alloy is lower than those presented in [24-27], ~200 MPa yield strength at ~300°C for Al-6.3Cu-0.5Mg-0.5Ag-0.5Mn-0.2Zr and its derivatives, due to their higher Cu content. 
Regarding the contribution from the Al3Sc particles to strengthening, we have made the following estimate. The Orowan loopingmechanisms are involved when the radius of spherical Al3Sc particles is larger than 2.1nm at 300oC [28-30]:
                  (S5)
where the =3.06 is the Taylor factor; , , and  are the shear modulus of the α-Al matrix (28 GPa [31]), Burgers vector (0.286 nm [23]), and Poisson's ratio (0.34 [23]) of the Al matrix, respectively. The decrease of shear modulus with increasing temperature is given by ∂G/∂dT=-13.6 MPa/K for α-Al matrix [23].  is the volume fraction of Al3Sc precipitates; and =0.5 J/m2 is an average APB energy of the Al3Sc for the (111) plane [28]; = 2.6 and =0.85 are constants [29, 30];  is the mean radius of Al3Sc particles;  is the constrained lattice parameter mismatch at room temperature [28, 32];  =42.5 GPa is the shear modulus mismatch between the α-Al matrix and the Al3Sc precipitates;  is the inter-precipitate spacing [33]. The strength contribution, , is then estimated to be 76 MPa at 300oC.
The contribution of the {100}α unshearable θ′-Al2Cu plates, , can be predicted as [34-36]:
) 
(S6)
where  and  are the average half length and thickness of θ′ precipitates, respectively.  ~0.572 nm [37] is the inner cut-off radius for the calculation of dislocation line tension. All other parameters have been defined. We find that =91 MPa. 
[bookmark: _Hlk527710008]This comparison suggests that the strengthening effect of θ′-Al2Cu(protected by Sc segregation) is larger than Al3Sc particles. However, the contribution from the latter is also very important.

[bookmark: OLE_LINK1][bookmark: OLE_LINK6]Table S3. The fraction of Sc atoms, out of the total Sc in the alloy, in the coherent Al3Sc (), interfacial Sc segregation () and the equivalent Sc concentration () within the  phase volume after various treatments. The rest of Sc atoms are present in Sc-enriched heterogeneities and as solutes in the matrix, ( +), or large Al3Sc dispersoids and Sc consumption at grain boundaries,). 
	Stage
	(%Sc)
	(%Sc)
	(%Sc)
	(%Sc)
	(%Sc)

	AA
	-
	2.6
	0.8
	86.8
	9.8

	Regression
	71.0
	-
	-
	18.3
	10.7

	Re-aging
	66.0
	12.8
	2.2
	10.1
	8.8

	RR crept
	65.0
	20.5
	0.4
	0.5
	13.6


Note:
(i) Some Al3Sc dispersoids (r~ 100 nm in size) inevitably form during solution treatment at 590 0C in Al-Cu-Sc alloy and hard to eliminate. However, these dispersoids have a very low volume fraction and cost only ~2% of the total Sc atoms[1, 2].
(ii)   = 100% Sc atoms (these fractions are given in percentage).
6. Creep mechanism
The minimum creep rate can be expressed by using the following power-law equation:
	
	(S7)


[bookmark: OLE_LINK12]where  is a material-dependent parameter,  is the applied stress,  is the apparent stress exponent,  is the apparent activation energy,  is the ideal gas constant and  is the absolute temperature. The apparent stress exponent is derived from the slopes of the straight lines of log vs log , as shown in Figure 5(b). Metallic materials strengthened by particles are characterized by a high stress exponent (always >20) [28, 38-50]. In contrast, the present Al-Cu-Sc RR alloy exhibits a much lower value of na=7.97±0.56, compared with the Al-Sc AA (31.9±3.0), Al-Cu AA (9.82±0.32), and Al-Cu-Sc AA (8.34±0.39) alloys. This indicates a weaker dependence of the Al-Cu-Sc RR alloy on the applied tensile stress. 
A modified power-law equation including threshold stress describes the minimum creep rate:
	
	(S8)


[bookmark: _Hlk514319065]where  is the structure dependent parameter,   is the applied stress,  is the threshold stress,  is the true stress exponent,  is the true activation energy,  is the ideal gas constant and  is the absolute temperature. We used the procedure suggested in [49, 51] via plotting a linear weighted least-squares regression of  vs.  by using different  to predict the most suitable stress exponent, see Figure S4. A set of values of =1, 3, 5 are usually used for Al-based alloys, which correspond to different creep mechanisms, i.e., the diffusional creep [52], viscous glide of dislocation[53-55], dislocation climb controlled by lattice diffusion [54-56], respectively. In the results as shown in Figure S4,  gives the best linear fit for all the studied alloys (coefficient of correlation R=0.981 for Al-Cu-Sc RR), see Figure S4(c). This suggests the dislocation climb mechanism [22, 57]. The corresponding revision has been made accordingly.
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Figure S4. Plots of  vs.  for n0 = (a) 1, (b) 3, (c) 5 on linear scales.
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